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Abstract

Additive manufacturing (AM) can enable faster, 
lower-cost production of power generation 
components. However, implementation of AM 
parts into service requires welding to other 
components, and the weldability of AM alloys is not 
well characterized. On-cooling hot ductility testing 
was performed between 1000°C and 1300°C on 
gas metal arc directed energy deposition (GMA-
DED), laser powder bed fusion (L-PBF), and wrought 
316-series stainless steels to evaluate weldability 
and ductility dip cracking (DDC) susceptibility of 
AM austenitic stainless steels. The results were 
analyzed with respect to variations in dynamic 
recrystallization, absorbed energy, and fracture 
mechanism. Single and multipass autogenous 
gas tungsten arc welds were performed on GMA-
DED, L-PBF, and wrought plates to correlate hot 
ductility behavior with DDC susceptibility in welded 
specimens. GMA-DED 316(L/H/LSi) exhibited good 
hot ductility regardless of post-build heat treatment, 
while L-PBF 316L exhibited reduced ductility across 
all conditions. L-PBF 316L also exhibited lower 
absorbed energy, which correlated with reduced 
hot ductility and intergranular fracture, whereas 
the GMA-DED and wrought conditions exhibited 
greater absorbed energy and ductile fracture. The 
reduced weldability of L-PBF 316L is suggested to 
be associated with grain boundary embrittlement 
from impurity elements segregation during primary 
austenite solidification. Heat-affected zone 
microcracking was observed in the GTAW welds of 
L-PBF 316L, confirming susceptibility to DDC and 
supporting the correlation between reduced hot 
ductility and weldability issues. 
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Introduction
Additive manufacturing (AM) processes such as gas metal 

arc directed energy deposition (GMA-DED) and laser powder 
bed fusion (L-PBF) offer fabrication pathways that can lead 
to drastic cost and time savings within the power generation 
sector. The L-PBF process enables the production of small-
scale, near-net shape components with complex geometries, 
minimizing machining time and material waste (Ref. 1). The 
GMA-DED process produces larger-scale parts, such as 
valves, fittings, and reactor internals, at shorter lead times 
than traditional manufacturing methods, such as forgings and 
castings (Ref. 2). AM provides a fast and flexible fabrication 
method for replacement component production, potentially 
limiting costly plant downtime. However, integration of AM 
components in service environments will require welding to 
both AM and conventionally manufactured parts, highlight-
ing the need to understand the weldability of AM austenitic 
stainless steels. 

Austenitic alloys, such as stainless steel and nickel-based 
superalloys, which are conventionally considered ductile, 
are observed to experience a distinct reduction in ductility 
between 0.6 and 0.9 of their solidus temperature (Ts) (Refs. 
3–8). This reduction in ductility is attributed to an elevated 
temperature solid-state cracking mechanism known as 
ductility dip cracking (DDC). DDC was observed during high 
temperature deformation processes, such as the continuous 
casting of steels, where it led to transverse cracking issues 
(Refs. 5, 9). It has also been reported in multipass welds, where 
reheating of previous weld layers between 0.6 and 0.9 Ts results 
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in intergranular cracking (Refs. 3, 6, 7, 10, 11). Given the sim-
ilarities between multipass welds and AM components, DDC 
is a potential concern for austenitic AM alloys. 

The mechanism responsible for DDC is still unclear and 
likely multifaceted. DDC has been associated with factors 
such as precipitation-induced cracking, grain boundary 
sliding, and grain boundary embrittlement (Refs. 6, 12). 
DDC susceptibility is commonly characterized by a ductil-
ity trough in a reduction in area (%RA) versus temperature 
curve. The ductility minimum is typically observed at inter-
mediate temperatures between approximately 0.5 times 
the homologous temperature and just below the solidus, 
and is often associated with the onset of grain boundary 
sliding (Refs. 6, 8). Grain boundary sliding is thought to occur 
as a strain accommodation mechanism to relieve external 
welding stresses and to lead to void formation and eventual 
intergranular cracking (Refs. 6, 10, 12, 13). As the temperature 
approaches the solidus, ductility is often recovered through 
dynamic recrystallization (Refs. 4, 5, 8, 12, 14).

Mintz et al. observed a ductility trough in coarse-grained 
austenitic stainless steel, attributed to grain boundary sliding. 
In their work, the heat treatment to produce the coarse-grain 
microstructure resulted in the growth of grain boundary car-
bides, which were suggested to exacerbate void formation 
during grain boundary sliding and suppress dynamic recrys-
tallization (Ref. 9). In contrast, the fine-grained austenitic 
stainless steel did not exhibit a ductility trough, consistent 
with general observations that DDC is not typically reported 
in wrought 316 alloys or weldments. Young et al. associated 
DDC of Ni-Cr alloys with precipitate-induced cracking, where 
alloys with increased Cr-carbide precipitation saw increased 
DDC susceptibility due to the generation of local grain bound-
ary stresses from the lattice misfit of the partially coherent 
carbides (Ref. 15). Conversely, Nissley et al. and Ramirez et al. 
concluded that precipitates can improve DDC resistance in 
Ni-based weld metal by pinning grain boundaries and form-
ing tortuous boundaries that inhibit grain boundary sliding 
(Refs. 10, 12). For low-carbon, solution-annealed 300-series 
austenitic stainless steels (e.g., 316L), minimal carbide precip-
itation is expected, suggesting that alternative mechanisms 
may dominate DDC susceptibility. 

Grain boundary embrittlement due to sulfur and phos-
phorus segregation has also been reported to influence DDC 
susceptibility. Arata et al. showed that increasing phosphorus 
levels in Type 310 stainless steel increased DDC susceptibility. 
Although, even with low levels of phosphorus and sulfur in 
Type 310, Type 304 displayed higher DDC resistance, which 
was attributed to primary δ-ferrite solidification compared 
to primary austenite solidification for Type 310 (Ref. 16). In 
the development of the strain-to-fracture test, Nissley et 
al. also found that Type 304 exhibited greater resistance to 
DDC than Type 310 and several Ni-based alloys. The greater 
resistance of 304 was associated with the formation of tor-
tuous grain boundaries due to the pinning effect of δ-ferrite, 
which was not present in any of the other single-phase alloys 
tested (Ref. 8). Li et al. reported that reduced impurity levels 
for Type 308 welds were more effective in minimizing heat- 
affected zone (HAZ) cracking than the presence of δ-ferrite 
(Ref. 17). Nishimoto et al. observed increased DDC suscepti-
bility in Alloy 690 weld metal with increasing levels of sulfur 

and phosphorus. DDC susceptibility was reduced with small 
additions of lanthanum to the filler, which has a high affinity 
for sulfur and phosphorus (Refs. 11, 18, 19). Nishimoto et al. 
and Mori et al. confirmed elevated sulfur concentration at 
intergranular fracture surfaces with Auger electron spec-
troscopy, supporting the conclusion that grain boundary 
segregation of impurity elements in the reheated weld metal 
increases DDC susceptibility (Refs. 18, 20).

Currently, there is extremely limited published work inves-
tigating the weldability of AM alloys, with no studies on their 
DDC susceptibility. The objective of this study is to evalu-
ate the weldability and DDC susceptibility of AM austenitic 
stainless steels through on-cooling hot ductility testing and 
constrained autogenous gas tungsten arc welds (GTAW). 
GMA-DED, L-PBF, and wrought 316-series stainless with  
various post-build heat treatments were tested, and the 
results are expected to provide key insights regarding the 
welding of AM components in power generation applications.

Materials and Methods

Material Fabrication

L-PBF 316L cylindrical vertical rods (114.3 mm L × 7.4 mm 
diameter) and horizontal plates (114.3 mm L × 101.6 mm W × 
7.4 mm T) were printed with an EOS M290 using the process 
parameters listed in Table 1. The as-built L-PBF material was 
solution annealed at 1040°C for 1 h, followed by a forced air 
cool. A subset of material remained in the as-built condition 
for testing. The material was subsequently machined into  
0.25 in. diameter × 4 in. long (6.35 mm × 101.6 mm) cylinders 
for hot ductility testing. 

GMA-DED walls were fabricated using a collaborative 
robot-controlled Fronius TPS 400i gas metal arc welding 
(GMAW) heat source. A combination of a low heat input cold 
metal transfer (CMT) and high heat input pulse multicontrol 
(PMC) synergistic welding lines, called “CMT mix”, was used 
for the fabrication of the GMA-DED builds. A weaving weld 
strategy was used to produce three-bead-wide walls with 
0.045 in. (1.2 mm) diameter 316L, 316H, and 316LSi welding 
wires. Welding process parameters are also listed in Table 1. 
The walls were removed from the 304 baseplate and solution 
annealed at 1040°C for 1 h, followed by a forced air cool. 
One GMA-DED 316L wall remained in the as-built condition. 
The GMA-DED walls were machined into hot ductility rods 
oriented horizontal to the build direction. 

Additional heat treatments were performed on machined 
hot ductility specimens in a vacuum furnace and cooled with 
argon backfill. As-built L-PBF 316L vertical specimens were 
recrystallized at 1200°C for 2 h, while solution annealed GMA-
DED 316L/LSi specimens were heat treated at 1150°C for  
5 h to dissolve δ-ferrite from the microstructure.  

Wrought 316L and 316H material was procured as solu-
tion annealed plate and machined into identical hot ductility 
rods. The composition of the L-PBF and GMA-DED builds and 
wrought stainless steel plates are reported in Table 2. Carbon, 
sulfur, oxygen, and nitrogen contents were determined using 
LECO combustion analysis, while all other elements were 
determined using optical emission spectroscopy (OES).
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Hot Ductility Testing 

Hot ductility testing provides a method for understanding 
the cracking sensitivity of alloys during welding through a 
simulated weld thermal cycle and high strain rate deformation 
to fracture. The test is performed over a range of tempera-
tures to determine the strength and ductility behavior of 
simulated weld HAZ microstructures (Ref. 4). On-cooling hot 
ductility tests were performed in this work using a Gleeble® 
3500-GTC thermo-mechanical simulator. 

R-type thermocouples were tack-welded onto the test 
specimens. The specimens were heated at 200°C/s up to 
a peak temperature, held for 2 s, cooled at 40°C/s to the 
chosen on-cooling test temperature, held for 2 s, and then 
pulled to fracture at a crosshead speed of 20 mm/s. The peak 
temperature for hot ductility is relatively ambiguous in the 
literature. Oftentimes, the nil strength temperature (NST) or 
nil ductility temperature (NDT) is used, or sometimes a tem-

perature between or just below the NST and NDT is chosen. In 
this work, the peak temperature was chosen as NDT –20°C to 
avoid liquidation cracking issues. The NDT was determined for 
each condition through a few on-heating tests, i.e., the first 
temperature at which 0% RA was measured. The NDT and 
peak temperature for each condition are shown in Table 3. 

On-cooling tests were performed between 1000°C and 
1300°C in 25°C to 50°C temperature increments. After test-
ing, the % RA of each specimen was measured six times using 
calipers (three measurements per failed section), and the 
average % RA was plotted as a function of test temperature. 
Duplicate testing at temperatures of interest was performed 
when sample quantities allowed. The force and stroke data 
output from the Gleeble during the hot ductility tests were 
converted to stress and strain. The area under the stress 
versus strain plot was calculated to determine absorbed 
energy as a function of testing temperatures.

Table 1 — L-PBF and GMA-DED Processing Parameters

L-PBF Process Parameters

Laser Power
(W)

Laser Speed
(mm/s)

Hatch Spacing
(µm)

Hatch Rotation 
Angle

Layer Thickness 
(µm)

Volumetric Energy 
Density (J/mm3)

214 928 100 47° 40 57.70

GMA-DED Process Parameters

Wire Feed Rate 
(mm/s)

Travel Speed 
(mm/s)

Weave Width  
(mm)

Layer Rotation 
Angle Gas Mixture Gas Flow Rate  

(L/min)

78 4 4.5 180° 95% Ar + 5% CO2 15.1

Table 2 — Chemical Composition of Test Material (wt-%)

Cr Ni Mo Mn Si S P C N O Fe

L-PBF 316L 
Hot Ductility  
Specimens

18.62 11.92 2.33 0.74 0.82 0.006 0.016 0.020 0.0833 0.0253 Bal.

L-PBF 316L
GTAW Plates 17.75 12.29 2.54 0.84 0.84 0.009 0.016 0.02 0.0789 0.0258 Bal.

GMA-DED 316L 19.16 11.89 2.37 1.66 0.36 0.016 0.019 0.01 0.0282 0.0401 Bal.

GMA-DED 316LSi 18.38 11.62 2.34 1.62 0.78 0.013 0.022 0.02 0.0700 0.0272 Bal.

GMA-DED 316H 19.08 11.56 2.28 1.67 0.36 0.005 0.021 0.04 0.0786 0.0378 Bal.

Wrought 316L 16.87 10.34 2.17 1.25 0.30 0.002 0.029 0.027 0.0537 – Bal.

Wrought 316H 17.10 10.33 2.17 1.51 0.42 0.004 0.036 0.04 0.0401 – Bal.
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Microstructure Characterization 

Failed hot ductility specimens were cross-sectioned and 
prepared for electron backscatter diffraction (EBSD) analysis. 
EBSD analysis was performed using a Helios NanoLab 600i 
scanning electron microscope (SEM) equipped with an EDAX 
Hikari Super detector operating at 20 kV voltage. A subset 
of specimens were electrolytically etched using 10% oxalic 
acid (4.5 V, 1 min.) for light optical microscopy (LOM) with 
an Olympus DSX500 digital optical microscope. The frac-
ture surfaces of the failed specimens were inspected using 
a FEI Nova NanoSEM operating at 20 kV voltage. Thin foils 
for scanning transmission electron microscopy (STEM) were 
prepared using twin-jet electropolishing in a 5% perchloric 
acid and 95% methanol solution at –40°C and 30 – 40 V. TEM 
observations were conducted in STEM mode using a FEI Talos 
F200X with a 200 kV accelerated voltage. The equipped EDAX 
EDS detector was used to confirm the presence of oxides in 
the microstructures. 

EBSD data was processed using EDAX OIM software, 
where all inverse pole figure (IPF) maps were colored with 
the reference direction aligned with the tensile axis. MTEX, 
a Matlab toolbox for crystallographic analysis, was used to 
determine percent recrystallized from the IPF maps with 
the grain orientation spread parameter (Refs. 21, 22). IPF 
maps were acquired as close as possible (50 – 100 µm) to the 
fracture surface of the failed hot ductility specimens while 
avoiding inclusion of mounting material. For each sample 
condition, three IPF maps were collected along the edge 
of the fracture surface and used to determine the average 
percent recrystallized. 

Constrained Gas Tungsten Arc Welding 
Experiments 

A subset of specimens underwent an additional set of con-
strained GTAW experiments to relate cracking susceptibility 
determined from hot ductility tests to DDC susceptibility in 
welded test specimens. Solution annealed GMA-DED 316L 
and L-PBF 316L builds were milled down to a machined sur-
face finish. The L-PBF 316L material for this portion of the 
study came from a secondary build produced on the same 
EOS M290, using the same process parameters as the hot 
ductility specimens, and has a very similar build composition 
(Table 2). The machined plates, along with a wrought 316L 
plate, were sectioned into 2 in. L × 1.5 in. W × 0.625 in. T  

(50.8 mm × 38.1 mm × 15.9 mm) samples. Two samples 
from each condition were fillet welded around all four sides 
to a 12 in. L × 3 in. W × 1.5 in. T (304.8 mm × 76.2 mm × 38.1 
mm) plain carbon steel strong back using GTAW. Autoge-
nous GTAW was performed along the 2 in. (50.8 mm) sample 
dimension using a gantry system and a Miller Dynasty 350 
welder. A travel speed of 5 ipm (2.12 mm/s) and 250 A was 
used. For each condition, a single-pass weld and a three-pass 
weld were produced. The three-pass weld involved melt-
ing the same weld track three times to simulate aggressive 
reheat conditions that could be experienced in a multi-pass 
weld HAZ. The samples were removed from the strong back 
and cross-sectioned for characterization. The HAZ of the 
etched (electrolytic 10% oxalic acid) weld cross-sections 
were inspected using a TESCAN S8000G SEM in secondary 
electron (SE) imaging mode operating at 20 kV voltage. 

Results 

Starting Microstructure

Representative IPF and phase maps of the starting micro-
structures prior to hot ductility testing are shown in Fig. 1. 
The solution annealed GMA-DED 316L condition (Fig. 1A) 
exhibits large columnar grains with remnant δ-ferrite from 
solidification, shown by the inset phase map, indicating 
incomplete dissolution after a 1 h solution anneal at 1040°C. 
To evaluate the role of δ-ferrite on hot ductility behavior, a 
subset of GMA-DED 316L and 316LSi specimens underwent 
an additional heat treatment of 1150°C for 5 h to fully dissolve 
δ-ferrite from the microstructure. As shown in Fig. 1B, the 
additional heat treatment successfully dissolved δ-ferrite 
without altering the columnar grain morphology.

The wrought 316L condition exhibits a fine-grained, equi-
axed microstructure with an average grain diameter of 49 
± 30 µm (Fig. 1C). The grain morphology of the horizontal 
and vertical L-PBF 316L specimens is shown in Figs. 1D and 
E, respectively, with corresponding IPFs shown in Figs. 1G 
and H. No δ-ferrite is observed in the L-PBF conditions (Fig. 
1D), consistent with the primary austenite solidification mode 
typically reported for L-PBF 316L (Ref. 23). A <001> texture 
is observed for the horizontal L-PBF specimen, whereas the 
vertical specimen exhibits a <011> texture. The 1200°C for 
2 h heat treatment resulted in full recrystallization of the 
L-PBF 316L specimen, shown in Fig. 1F, which was confirmed 
separately with kernel average misorientation (KAM) maps.
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Fig. 2 — Hot ductility plots for solution annealed: A — GMA-DED; B — L-PBF; C — wrought stainless steel; and for 
various heat treatments of: D and E — GMA-DED; F — L-PBF stainless steel. In E — “HT” refers to 1150°C 5 h heat 
treatment; in F — “SA” refers to solution annealed.

Fig. 1 — IPF and phase maps of the starting microstructures prior to hot ductility testing for: A — GMA-DED 316L; 
B — GMA-DED 316L heat treated at 1150°C for 5 h; C — wrought 316L; D — horizontal L-PBF 316L; E — vertical 
L-PBF 316L; F — recrystallized L-PBF 316L (1200°C for 2 h). Corresponding IPF for: G — horizontal; H — vertical 
L-PBF 316L. All IPF maps and IPFs are colorized with respect to the tensile axis. Note: the high magnification 
phase maps for A, B, and D. “SA” refers to solution annealed, and “BD” refers to build direction.  
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Hot Ductility Response

Hot ductility curves, expressed as reduction of area versus 
temperature, are presented in Fig. 2. Figures 2A–C show the 
hot ductility behavior of GMA-DED (Fig. 2A), L-PBF (Fig. 2B), 
and wrought (Fig. 2C) specimens, all in the solution annealed 
condition. Figures 2D–F show the hot ductility behavior of 
GMA-DED and L-PBF specimens subjected to various post-
build heat treatments. 

A distinct difference in ductility response is observed 
among the solution annealed conditions. The GMA-DED and 
wrought specimens exhibit relatively high ductility, whereas 
the L-PBF specimens exhibit reduced ductility, particularly 
in the horizontal orientation. The wrought material is fine-
grained with low impurity levels and, as such, is expected to 
exhibit high ductility (Ref. 9). The ductility response of the 
wrought specimens confirms that the hot ductility testing 
method used in this study produces representative results. 

Figure 2D compares the ductility response of as-built and 
solution annealed GMA-DED 316L, showing negligible dif-

ferences between the two conditions. The additional heat 
treatment to dissolve δ-ferrite (1150°C for 5 h) from the GMA-
DED conditions also appears to have a negligible impact on 
the ductility response of GMA-DED 316L and 316LSi, as shown 
in Fig. 2E. For the GMA-DED conditions, ductility behavior 
remained largely unchanged regardless of post-build heat 
treatment. 

The ductility behavior of as-built, solution annealed, and 
recrystallized (1200°C for 2 h) L-PBF 316L is shown in Fig. 2F. 
Similarly to the GMA-DED conditions, post-build heat treat-
ment had minimal impact on the ductility response of L-PBF 
316L. The vertical and horizontal L-PBF specimens (Figs. 
2B and F) exhibited anisotropic hot ductility behavior, with 
the vertical specimens exhibiting greater ductility than the 
horizontal specimens. Similar anisotropic ductility has also 
been observed for L-PBF 316L in Charpy impact and tensile 
testing, and is attributed to differences in crystallographic 
texture (Refs. 24, 25). 

Fig. 3 — IPF maps showing small, isolated cracks (white arrows) inside recrystallized grains of hot ductility 
specimens: A — Wrought 316L at 1050°C; B — GMA-DED 316H at 1100°C; C — L-PBF 316L (horizontal) at 1125°C; D 
— GMA-DED 316LSi at 1175°C. 
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Microstructure Characterization

Dynamic recrystallization is considered an important 
mechanism for restoring ductility at elevated tempera-
tures. The formation of new recrystallized grains is thought 
to reduce strain accumulation at grain boundaries and to 
inhibit or arrest crack propagation (Refs. 5, 6, 14, 26, 27). 
Consistent with this behavior, Fig. 3 shows small, recrys-
tallized grains near crack tips and isolated cracks within 
recrystallized grains near the fracture surface of failed hot 
ductility specimens. Larger IPF maps were used to deter-
mine differences in recrystallization behavior as a function 
of test temperature and are shown in Fig. 4. Figures 4A–F 
show the recrystallization behavior of the GMA-DED, L-PBF, 
and wrought conditions at 1125°C. IPF maps at other tem-
peratures (1000°C, 1050°C, and 1200°C) are shown in the 
Appendix. The percent recrystallization was determined for 
each condition at three different locations and averaged. The 
results are shown in Fig. 5. 

Based on Fig. 5, trends in recrystallization behavior do 
not fully account for the observed hot ductility response. 
Wrought 316L and GMA-DED 316H specimens exhibit sub-
stantial recrystallization, consistent with their high ductility. 
In contrast, the other GMA-DED and L-PBF conditions exhibit 
similar amounts of recrystallization, despite the L-PBF con-
ditions exhibiting a clear decrease in ductility. It would be 
expected that L-PBF conditions would have a strong driving 
force for recrystallization due to increased strain energy in 
the microstructure from the printing process. During static 
annealing, L-PBF 316L is shown to recrystallize at faster rates 

than GMA-DED 316L (Ref. 28). Interestingly, L-PBF 316L does 
not appear to have accelerated dynamic recrystallization 
kinetics during hot ductility testing.

Given that the extent of recrystallization does not fully cor-
relate with the observed ductility response, an investigation into 
sub-surface cracking characteristics and fracture mechanisms 

Fig. 5 — Percent recrystallization observed in 
hot ductility specimens as a function of testing 
temperature.

Fig. 4 — IPF maps showing various amounts of dynamic recrystallization for 1125°C hot ductility specimens: A — 
GMA-DED 316L; B — GMA-DED 316LSi; C — GMA-DED 316H; D — L-PBF 316L (horizontal); E — recrystallized L-PBF 
316L; F — wrought 316L. Each specimen was solution annealed unless otherwise specified. 
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was performed and is shown in Fig. 6. The solution annealed 
and recrystallized L-PBF 316L specimens (Figs. 6A and B) have 
an increased amount of microcracking, likely at high-angle 
grain boundaries, compared to the higher ductility GMA-DED 
316L (Fig. 6C) and wrought 316L (Fig. 6D) specimens. The 
L-PBF 316L specimens (Figs. 6E and F) also display inter-
granular fracture behavior consistent with a higher cracking 
susceptibility compared to the GMA-DED 316L (Fig. 6G) and 
wrought 316L (Fig. 6H) specimens that exhibit ductile fracture 
surfaces with microvoids.

There is a clear distinction in ductility behavior, crack-
ing characteristics, and fracture morphology between the 
L-PBF specimens and the other conditions, consistent with an 
increased susceptibility to DDC. Stress-strain curves from the 
hot ductility tests (Figs. 7A–D) were used to calculate absorbed 
energy (Fig. 7E). The solution annealed and as-built L-PBF 
specimens exhibit high peak stresses but limited elongation, 
resulting in lower overall absorbed energy compared to the 
wrought and GMA-DED specimens. The absorbed energy 
trends are consistent with the observed ductility behavior, 
suggesting that the difference in ductility across AM and 
wrought conditions is closely related to variations in absorbed 
energy, which is related to material toughness. Interestingly, 
the recrystallized L-PBF 316L specimens exhibit absorbed 
energy behavior comparable to the GMA-DED specimens, 
despite their lower ductility response and predominance of 
intergranular fracture. This suggests that early plastic defor-
mation behavior is similar between the recrystallized L-PBF 
316L and GMA-DED conditions, and differences likely exist in 
post-uniform deformation characteristics. 

It has been reported that L-PBF 316L has reduced tough-
ness in Charpy impact testing relative to wrought material. 
Sonis et al. reported room temperature impact energy of 

170 – 250 J/cm2 for L-PBF 316L, compared with 350 – 400 
J/cm2 for wrought 316L (Ref. 24). The reduced toughness of 
L-PBF 316L was attributed by the authors to oxide particles 
that form during solidification and are thought to act as void 
nucleation sites due to decohesion at the oxide/matrix inter-
face during deformation (Refs. 24, 29–31). These nanoscale 
oxides are well documented in L-PBF 316L and form during 
the printing process due to oxygen contamination. 

The oxide particles in the L-PBF 316L specimens tested in 
this work were investigated using STEM bright field and are 
shown in Fig. 8. The black particles are Si- and Mn-rich oxides, 
while the white features are holes where the oxide particles 
were removed during TEM specimen preparation. This inter-
pretation was confirmed separately through EDS analysis. 
The initial size and distribution of the oxides are shown for 
the solution annealed condition in Figs. 8A and D. After hot 
ductility testing at 1050°C, no appreciable change in oxide size 
or distribution is observed (Figs. 8B and E). The recrystallized 
and tested L-PBF specimen displays appreciable coarsening 
of the oxides (Figs. 8C and F), where coarsening occurred 
during the recrystallization heat treatment due to Ostwald 
ripening (Ref. 30).

Recrystallized L-PBF 316L is often reported to have reduced 
impact toughness, which is associated with greater decohe-
sion and void formation at the particle/matrix interface due 
to increased size of oxide particles and their localization to 
grain boundaries (Refs. 24, 29–31). In this case, larger oxides 
are observed for the recrystallized L-PBF 316L condition; 
however, the absorbed energy is higher compared to the other 
L-PBF conditions (Fig. 7E). This suggests that the oxides do 
not appear to be contributing to the differences in absorbed 
energy. Additionally, oxides in the solution annealed condi-
tions are distributed throughout the microstructure, not just 

Fig. 6 — A–D — Etched LOM micrographs; E–H — SEM fracture surfaces of 1125°C hot ductility specimens. A and 
E — Solution annealed L-PBF 316L; B and F — recrystallized L-PBF 316L; C and G — solution annealed GMA-DED 
316L; D and H — solution annealed wrought 316L. 
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Fig. 7 — Stress versus strain curves from: A — 1000°C; B — 1050°C; C — 1125°C; D — 1200°C hot ductility tests; E 
— calculated absorbed energy as a function of testing temperature.

Fig. 8 — STEM bright field images showing size and distribution of oxides present in: A and D — Solution 
annealed L-PBF 316L; B and E — solution annealed L-PBF hot ductility specimens tested at 1050°C; C and F — 
recrystallized L-PBF 316L hot ductility specimens tested at 1050°C. 
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Fig. 9 — Etched GTAW HAZ of: A and B — Wrought 316L 
three-pass weld; C and D — GMA-DED 316L three-pass 
weld; E and F — L-PBF 316L single-pass weld; G and 
H — L-PBF 316L three-pass weld. Red arrows indicate 
voids and microcracks. 

at grain boundaries, indicating that the oxides are unlikely 
to induce the grain boundary fracture exclusively observed 
in the L-PBF hot ductility specimens. For the recrystallized 
specimens, some localization of oxide particles along grain 
or cell boundaries is observed, which does not appear to 
affect hot ductility behavior. 

Constrained GTAW Welds

While hot ductility testing is a useful metric for ranking 
cracking susceptibility, it does not directly reveal the extent 
of cracking in a welded component. To correlate hot ductil-
ity behavior with DDC susceptibility in a weld, constrained 
autogenous GTAW was performed on solution-annealed L-PBF, 
GMA-DED, and wrought 316L plates. Micrographs of the HAZ 
of the welds are shown in Fig. 9. Overview images of the welds 
are shown in Fig. A4 in the Appendix. No cracking was observed 
in the HAZ of either the single-pass or three-pass welds of 
wrought (Figs. 9A and B) and GMA-DED 316L (Figs. 9C and 
D). In the single-pass L-PBF 316L weld (Figs. 9E and F), small 
voids are visible within the HAZ, primarily aligned along grain 
boundaries and at the edges of melt pools from the L-PBF  

process. In the three-pass L-PBF 316L weld (Figs. 9G and H), 
the voids appeared to have coalesced into microcracks, indi-
cating a susceptibility to HAZ cracking. The HAZ cracks are 
observed several microns away from the fusion zone, with 
a majority of cracks located well within the HAZ. The spatial 
distribution of cracks within the HAZ indicates increased 
cracking susceptibility at temperatures below the solidus, 
which appears to correlate well with the hot-ductility data, 
which shows a dip in ductility between 1000°C and 1100°C.  

Discussion 

Relationship Between Absorbed Energy 
and Nano-Scale Oxides  

The results of this study demonstrate that GMA-DED 316 
(L/H/LSi) specimens exhibit good hot ductility regardless of 
post-build heat treatment, while L-PBF 316L specimens exhibit 
overall reduced hot ductility. Differences in hot ductility behav-
ior across conditions cannot be fully explained by variations 
in dynamic recrystallization. Rather, the variations in ductility 
response tend to correlate with differences in absorbed energy, 
which is related to material toughness. The L-PBF conditions 
consistently exhibit lower absorbed energy (Fig. 7E) compared 
to the GMA-DED and wrought conditions. An exception is the 
recrystallized L-PBF specimens, which exhibit higher absorbed 
energy but a ductility response similar to that of the other L-PBF 
conditions. The discrepancy between absorbed energy and 
% RA for the recrystallized L-PBF specimens indicates that 
the recrystallization heat treatment predominantly affected 
deformation behavior associated with yielding and early plastic 
flow, while having minimal influence on post-uniform plasticity, 
which % RA only considers.

Reduced toughness of L-PBF 316L has been reported in 
the literature and has been attributed to the presence of 
nanoscale oxide particles within the microstructure that serve 
as void initiation sites during deformation (Ref. 24, 29–31). 
In this study, the oxides were characterized and shown to 
maintain their size and distribution in the microstructure 
during hot ductility testing (Figs. 8A and B). The recrystal-
lization heat treatment led to an increase in oxide size and 
some particle localization at grain and cell boundaries (Figs. 
8C and F). However, the coarsening of the oxides did not cor-
respond to a further decrease in ductility or toughness (Figs. 
2F and 7E). If the oxides were primarily responsible for the 
reduced ductility of the L-PBF specimens, then an increase in 
oxide size and localization of particles at boundaries would be 
expected to correspond to reduced toughness as observed 
in literature for Charpy impact testing (Ref. 24, 30). Seeing 
as there was no appreciable change in ductility response for 
the recrystallized L-PBF specimens, the oxide particles do 
not appear to be negatively impacting hot ductility response.   

The cracking observed at grain boundaries and the inter-
granular fracture behavior of the L-PBF specimens (Fig. 6) are 
consistent with grain boundary embrittlement. Intergranular 
fracture is commonly associated with the presence of grain 
boundary precipitates or segregation of impurity elements 
to grain boundaries (Ref. 32). In this study, the oxides do 
not appear to be preferentially located at grain boundaries, 
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further suggesting that they are not the likely cause of the 
reduced toughness and ductility of the L-PBF conditions. 
For the recrystallized specimens where some localization of 
oxides to boundaries is observed, there is no corresponding 
decrease in ductility, also indicating that oxides do not appear 
to be dictating ductility behavior. No other precipitates, such 
as M23C6-type carbides, are expected or observed within the 
microstructure either. Precipitation has been shown to play 
a critical role in the DDC behavior of Ni-based alloys, where 
MC and M23C6 precipitates form and affect grain boundary 
tortuosity and strain misfit, which, in turn, influence cracking 
behavior (Refs. 10, 15). Seeing as carbides are not present in 
the microstructures of this work and oxides do not appear to 
be affecting DDC behavior as reported for other second-phase 
particles, another mechanism appears to be causing grain 
boundary embrittlement in the L-PBF conditions.  

As such, the reduced ductility of the L-PBF conditions 
observed in this work is attributed to segregation of impurity 
elements such as sulfur and phosphorus to the grain bound-
aries, which will be discussed further in the next section. 
In contrast, the GMA-DED and wrought specimens exhibit 
fracture surfaces with microvoids, indicative of considerable 
plastic deformation prior to fracture, consistent with their 
superior hot ductility.  

Wedge cracking is another mechanism by which inter-
granular fracture can occur due to grain boundary sliding on 
precipitate-free boundaries. During sliding, wedge voids can 
form at triple points and lead to intergranular cracking without 
the presence of precipitates or grain boundary embrittlement 
(Ref. 10). However, while wedge cracking may contribute to 
damage evolution, it does not explain the observed differences 
in ductility behavior across test conditions or the intergran-
ular fracture behavior of just the L-PBF specimens. As such, 
impurity segregation provides a reasonable explanation for 
the observed differences in behavior as it can reduce grain 
boundary cohesion and promote intergranular separation 
under similar deformation conditions. 

The L-PBF specimens also exhibit anisotropic ductility, 
with the vertical orientation showing better hot ductility 
than the horizontal orientation. Similar anisotropic ductil-
ity behavior has been reported by others (Refs. 24, 25, 30) 
and is attributed to differences in crystallographic texture 
based on build orientation. Vertical specimens aligned with 
the build direction exhibit a <011> fiber texture with respect 
to the tensile axis, which corresponds to greater ductility 
than horizontal specimens with a <001> fiber texture with 
respect to the tensile axis shown by the IPFs in Fig. 1. This 
texture-ductility relationship observed is consistent with 
literature and is largely associated with the activation of 
different deformation mechanisms depending on crystal-
lographic texture (Refs. 24, 25, 30).

Impact of Impurity Elements and Primary 
Solidifying Phase on Hot Ductility Response

Impurity elements such as sulfur and phosphorus, which 
are melting point-suppressing elements, are known to 
segregate to interdendritic regions and eventually grain 
boundaries during solidification because they are the last 
regions to solidify. This type of impurity segregation has 

been shown to lead to increased DDC susceptibility (Refs. 
33, 34). Based on the build compositions reported in Table 
2, the L-PBF builds do not exhibit elevated sulfur content, 
especially compared to the GMA-DED builds. The key differ-
ence between the GMA-DED and L-PBF builds is the primary 
solidification mode (PSM), which is likely to affect the local 
impurity content at grain boundaries.

The GMA-DED builds solidify as a primary ferrite second-
ary austenite (FA) mode, where δ-ferrite solidifies first, and 
partially transforms to austenite upon cooling. The resulting 
microstructure consists of skeletal δ-ferrite at the dendrite 
cores in an austenite matrix. δ-ferrite has a high solubility for 
impurity elements like sulfur, which is known to be beneficial 
in reducing solidification cracking susceptibility of auste-
nitic stainless steels (Ref. 35). In this study, the GMA-DED 
specimens exhibited similar hot ductility behavior across all 
post-build heat treatment (as-built, partial solution anneal, 
and complete solution anneal with no δ-ferrite), indicating 
that the presence of δ-ferrite in the microstructure during 
testing is less important than the fact that δ-ferrite formed 
first during solidification. During FA solidification, sulfur and 
other impurities will preferentially partition to δ-ferrite, which 
is located at the dendrite core, away from interdendritic 
regions that ultimately form grain boundaries. Even with 
complete dissolution of δ-ferrite through heat treatment, 
the hot ductility response remains high. Although sulfur dif-
fusion to grain boundaries during the 1150°C dissolution heat 
treatment is kinetically feasible, there is no corresponding 
change in ductility. This indicates that there may not be suf-
ficient driving force or concentration gradient for impurity 
segregation to grain boundaries due to the dissolution of 
δ-ferrite at dendrite cores, far away from grain boundaries. 
Rather, the impurity elements may redistribute uniformly 
within the austenite matrix, thereby minimizing their dele-
terious effects on ductility and toughness. 

For the L-PBF builds, the increased solidification velocity 
of the printing process stabilizes the austenite phase relative 
to δ-ferrite, and as a result, L-PBF 316L solidifies as primary 
austenite (Ref. 36). During primary austenite solidification, 
impurity elements will preferentially segregate to interden-
dritic regions and grain boundaries, leading to local sulfur 
enrichment, which likely increases susceptibility to cracking. 
Random walk diffusion distance estimates for sulfur were 
calculated using reported diffusivity data (Ref. 37). These 
calculations indicate that the time at elevated temperature 
during the hot ductility testing and post-build heat treatments 
is sufficient for sulfur to diffuse over distances comparable to 
the primary dendrite arm spacing and grain size of the L-PBF 
316L microstructure. This suggests that sulfur can segregate 
to grain boundary regions during testing and heat treatment, 
if it was not already present there from solidification. During 
the 1200°C recrystallization heat treatment, sulfur likely 
diffuses to newly formed recrystallized grain boundaries, 
which may explain why the recrystallized L-PBF specimens 
exhibited a similar hot ductility response to the other L-PBF 
conditions. During recrystallization, grain boundary migration 
can also drag solutes along, which may contribute to contin-
ued impurity segregation. Comparatively, during the δ-ferrite 
dissolution heat treatment for the GMA-DED specimens, 
there is no movement of austenite grain boundaries, so no 
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possible solute drag to encourage grain boundary segrega-
tion as there may be with the recrystallization heat treatment. 

The detrimental impact of impurity elements on HAZ crack-
ing was investigated in early work related to the overall hot 
cracking susceptibility of austenitic stainless steels (Refs. 16, 
34). Li et al. investigated Type 308 welds with varying sulfur 
and phosphorus levels and concluded that reducing impurity 
content in the base metal was more effective in minimizing 
HAZ cracking than the presence of δ-ferrite (Ref. 17). Sim-
ilarly, Kujanpää et al. used Auger electron spectroscopy to 
detect significant sulfur enrichment at HAZ crack surfaces 
of Type 310 welds relative to the bulk composition. Their 
results showed lower DDC susceptibility in the laboratory 
heats containing 0.006 to 0.008 wt-% S compared to com-
mercial heats containing 0.007 to 0.015 wt-% S. In all their 
welds, the HAZ contained no δ-ferrite (Ref. 33). 

The relationship between HAZ cracking and reduced hot 
ductility behavior is evident in this work with the GTAW welds 
(Fig. 9), which show clear microcracks in the HAZ of the L-PBF 
specimens. Although the L-PBF 316L builds do not exhibit 
higher bulk sulfur contents compared to the GMA-DED builds, 
the location of the sulfur in the microstructure, governed by 
the primary solidifying phase, appears to have the greatest 
influence on cracking susceptibility. Furthermore, the over-
all lower toughness of the L-PBF material, as demonstrated 
during the hot ductility testing, may result in a reduced 
threshold for sulfur-induced cracking relative to other prod-
uct forms. Additionally, the L-PBF plates have slightly higher 
sulfur content than the L-PBF hot ductility specimens (Table 
2), which may lead to worse cracking behavior.

It is also noteworthy that the GMA-DED 316H specimens 
exhibited the best hot ductility behavior among the GMA-DED 
alloys, consistent with the lowest measured sulfur content out 
of all the GMA-DED alloys (Table 2). This result suggests that 
further improvements in process cleanliness and reduction of 
impurity levels in the GMA-DED builds could yield additional 
improvements in hot ductility response and overall weldability.

Direct characterization of impurity elements such as sulfur 
and phosphorus at grain boundaries is extremely difficult at 
the concentration levels relevant to the material in this work 
(60–160 ppm S). Conventional site-specific analysis tech-
niques like energy dispersive x-ray spectroscopy (EDS) lack 
the sensitivity to resolve such low elemental concentrations, 
necessitating the use of advanced high-resolution techniques 
such as Auger electron spectroscopy (AES), time-of-flight 
secondary ion mass spectrometry (TOF-SIMS), or atom probe 
tomography (ATP). Each of those techniques comes with a 
unique set of challenges, including the need for in-situ frac-
ture under vacuum (AES), spectra overlap and quantification 
challenges (TOF-SIMS), and laborious sample preparation 
with limited sampling volume (APT). Based on some of these 
limitations, direct measurement of grain boundary segrega-
tion was beyond the scope of this work.

The experimental result of this work indicates that the 
mechanisms commonly associated with DDC and impact 
grain boundary sliding, including precipitate behavior and 
variation in dynamic recrystallization, do not account for the 
differences in hot ductility response across the conditions 
tested. Although trends in toughness broadly correlate with 
hot ductility behavior, the mechanism typically associated 

with reduced impact toughness of L-PBF 316L again does not 
fully account for the measured ductility response of L-PBF 
316L. Based on this, and considering the distinct solidifica-
tion modes of the different AM conditions, grain boundary 
segregation of impurity elements is proposed as the likely 
mechanism dictating DDC susceptibility in AM stainless steels. 
This finding is consistent with prior literature (Refs. 11, 16, 19, 
20, 33, 38). The exact mechanism by which impurity segre-
gation influences cracking behavior is unclear and has been 
attributed to a reduction in grain boundary cohesive strength, 
the formation of sulfide-based intermetallic phases, or the 
formation of liquid films along grain boundaries, similar to a 
liquation cracking phenomenon (Refs. 33, 39, 40). Assessment 
of these mechanisms requires further work involving advanced 
high-resolution characterization techniques to directly char-
acterize the grain boundary chemistry in AM stainless steels. 

Weldability Considerations for AM 
Austenitic Stainless Steels

With modernized steelmaking practices, desulfurization 
and other refining processes have advanced to the point that 
wrought austenitic stainless steels now contain extremely low 
levels of sulfur and other impurity elements. This is reflected 
in the wrought 316L tested in this study and emphasized by 
the shallow melt pool depth of the GTAW welds shown in Fig. 
A4 (Appendix). After early investigations into DDC in wrought 
stainless steels in the late 1970s to 1990s (Refs. 16, 17, 33, 
34), limited additional research has been conducted, possibly 
because impurity concentrations in modern wrought stainless 
steels are sufficiently low that DDC is not an issue.

In contrast, the results of this study demonstrate that 
DDC is a concern for AM alloys, specifically L-PBF 316L. The 
increased susceptibility of AM alloys to DDC may also be related 
to characteristics of feedstock manufacturing, along with the 
primary solidifying phase. As mentioned, wrought alloys are 
exceptionally clean, effectively eliminating DDC concerns. For 
GMA-DED, wire manufacturers often impose tighter compo-
sitional requirements on incoming feedstock than specified 
in AWS A5.9 to prevent wire drawing issues (Ref. 41). This, 
combined with the FA solidification mode of the GMA-DED 
builds, likely contributes to the good weldability performance 
of GMA-DED stainless steel alloys. 

In comparison, 316L powder is required to meet the com-
positional limits defined in ASTM F3184, but it is unclear if 
any additional impurity controls are imposed during powder 
production (Ref. 42). Most commercial 316L powders are pro-
duced by air or vacuum induction melting followed by argon or 
nitrogen gas atomization (Ref. 43). The cleanliness of the ini-
tial feedstock for induction melting, which can be steel ingots 
or elemental powders, is often unspecified. Consequently, 
powder production involves multiple processing steps, each 
of which introduces potential sources for additional impu-
rity contamination not typically present in wrought or wire 
production. Any issues with powder cleanliness are further 
exacerbated with L-PBF 316L due to the fully austenitic solid-
ification mode, which appears to lead to increased sensitivity 
to impurity content. As such, the combined effects of powder 
cleanliness and solidification mode likely contribute to the 
reduced weldability and increased susceptibility of L-PBF 
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316L to DDC. Notably, solution annealing and recrystalliza-
tion heat treatments had minimal impact on improving the 
weldability response of L-PBF 316L, indicating that enhanced 
weldability is more likely to be achieved through improved 
control over build composition rather than optimization of 
post-build heat treatments.

The reduced weldability of L-PBF 316L is reflected in reduced 
hot ductility and the presence of HAZ microcracks in autoge-
nous GTAW welds. The observed HAZ microcracks are small, 
likely due to the solution annealed condition of the L-PBF 
316L plate and the minimal constraint imposed on the GTAW 
welds. It is expected that as-built L-PBF 316L components 
could exhibit greater cracking due to residual stresses. While 
that was not observed with the as-built L-PBF hot ductility 
specimens, the residual stresses of a printed component are 
expected to be greater than those in the specimens tested in 
this work and would likely increase cracking susceptibility. In 
practical application settings, AM components could be large, 
requiring higher welding heat inputs and experience increased 
constraint, both of which would likely result in increased crack-
ing. Overall, the findings of this study indicate that the fusion 
welding of L-PBF 316L components for integration into power 
generation systems may present a challenge.

Conclusions 
Hot ductility testing of GMA-DED, L-PBF, and wrought 

316-series stainless steels was performed to evaluate the 
weldability of AM austenitic stainless steels. The hot ductility 
behavior of each condition was investigated by characterizing 
differences in dynamic recrystallization, absorbed energy, and 
fracture mechanism. Autogenous GTAW welds were performed 
on a subset of specimens to correlate hot ductility behavior 
with DDC susceptibility. The key conclusions are as follows: 
 ■GMA-DED 316 (L/H/LSi) specimens exhibited 

consistently good hot ductility, regardless of post-build heat 
treatment or the presence of δ-ferrite in the microstructure. 
L-PBF 316L specimens exhibited a reduced hot ductility 
response across all conditions tested. The wrought 316 L/H 
specimens exhibited excellent hot ductility.
 ■ Variations in dynamic recrystallization across the conditions 

did not fully explain the hot ductility behavior, seeing as the 
L-PBF and GMA-DED conditions showed similar amounts of 
recrystallization but exhibited different hot ductility behavior. 
Variations in absorbed energy matched hot ductility trends and 
indicated that the L-PBF 316L specimens have low toughness, 
contributing to reduced ductility and intergranular fracture.
 ■ L-PBF specimens exhibit intergranular fracture consistent 

with grain boundary embrittlement, whereas the GMA-DED 
and wrought specimens exhibit ductile fracture surfaces 
consisting of microvoids. The presence of oxides in the L-PBF 
did not correlate with reduced toughness or grain boundary 
embrittlement, suggesting that segregation of impurity 
elements to grain boundaries is a possible mechanism dictating 
ductility behavior. 
 ■ The fully austenitic solidification mode of L-PBF 316L 

indicates likely preferential segregation of impurity elements to 
interdendritic regions and ultimately grain boundaries, which 
is associated with increasing DDC susceptibility. In contrast, 
the GMA-DED alloys solidify in FA mode, which promotes 

segregation of impurity elements into δ-ferrite rather than at 
grain boundaries, likely reducing susceptibility. Wrought alloys 
exhibit exceptionally low impurity levels, so DDC is unlikely. 
Impurity level control varies across the production processes 
for plate, wire, and powder feedstock, and this variation is 
likely to affect the cleanliness of the starting material. 
 ■Microcracks in the HAZ of the L-PBF GTAW welds confirmed 

increased DDC susceptibility of L-PBF 316L. The GMA-DED 
and wrought 316L welds remained crack-free. There was good 
agreement between the cracking susceptibility determined 
from hot ductility tests and the GTAW weldability study.
 ■Overall, this work highlights that L-PBF 316L has reduced 

hot ductility and is more susceptible to DDC than other 316 
product forms, likely due to preferential segregation of impurity 
elements to grain boundaries because of primary austenite 
solidification. DDC susceptibility is expected to be worse 
in the as-built condition or in high constraint welds typical 
in application settings. Therefore, reduced weldability may 
present significant challenges for the implementation of L-PBF 
components in structural applications.
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Appendix

Fig. A2 — IPF maps showing various amounts of dynamic recrystallization at 1050°C for: A —GMA-DED 316L; 
B — GMA-DED 316LSi; C — GMA-DED 316H; D — L-PBF 316L (horizontal); E — recrystallized L-PBF 316L; F — 
wrought 316L. 

Fig. A1 — IPF maps showing various amounts of dynamic recrystallization at 1000°C: A — GMA-DED 316L; B — GMA-
DED 316LSi; C — GMA-DED 316H; D — L-PBF 316L (horizontal); E — recrystallized L-PBF 316L; F — wrought 316L. 
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Fig. A4 —Three pass GTAW weld overview of: A — 
Wrought 316L; B — GMA-DED 316L; C — L-PBF 316L. 

Fig. A3 — IPF maps showing various amounts of dynamic recrystallization at 1200°C for: A — GMA-DED 316L; 
B — GMA-DED 316LSi; C — GMA-DED 316H; D — L-PBF 316L (horizontal); E — recrystallized L-PBF 316L; F — 
wrought 316L.
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