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Abstract

This article describes the ability to use laser-
blown powder deposition to repair high γ’ IN-100 
superalloy gas turbine components. The influence 
of various process conditions on the ability to 
make crack-free IN-100 deposits over surrogate 
high γʹ alloys was investigated to identify cracking 
mechanisms in the deposit and heat-affected 
zones (HAZs). The various crack formation 
mechanisms, such as solidification cracking and 
liquation cracking, were evaluated using multiscale 
characterization and numerical simulation. The 
cracking in the deposit region was predominantly 
solidification cracking, while those observed in the 
HAZ were liquation cracking. The results showed 
that controlling thermally induced residual stresses 
is the key to eliminating cracking, and the optimum 
preheat temperature was determined. The results 
were then contrasted with those in published 
literature and an approach to effectively repair hot 
section parts was presented.

Keywords

 ■ Additive Manufacturing
 ■Cladding
 ■Ni Alloys
 ■Numerical Analysis
 ■Weldability

Introduction
High 𝛾′ Ni-based superalloys are used in harsh operat-

ing conditions requiring high tensile strength, high creep 
strength, oxidation resistance, and fatigue strength (Ref. 1). 
To achieve through-life cost reduction targets, component 
refurbishment, overhaul, and repair are prime consider-
ations for both original equipment manufacturers (OEMs) 
and operators (Refs. 1, 2). However, polycrystalline high 𝛾′
Ni-based superalloys also have poor weldability and are 
deemed nonweldable (Refs. 2, 3) because of various cracking 
mechanisms, including solidification (Refs. 4–6), liquation 
(Ref. 7), strain-age (Refs. 8, 9), and ductility-dip cracking 
(Refs. 8, 9) caused by complex thermal profile and mechani-
cal constraints. Weldability in this context is defined as “the 
capacity of a material to be joined under the imposed fabri-
cation conditions into a specific, suitably defined structure 
and to perform satisfactorily in the intended service with 
minimum defects and distortion” (Refs. 10, 11).

Ni-based superalloys are heavily alloyed with Al, Ti, B, Cr, Ta, 
W, Co, and Zr to optimize the size and shape of 𝛾′ and simulta-
neously improve grain boundary stability by inducing carbide 
and precipitates through heat treatment. Solute partition-
ing (due to alloying) widens the solidification temperature 
range. Increasing the solidification temperature range widens 
the semisolid region known as the mushy zone. It has been 
reported that the propensity of solidification cracking is 
directly proportional to the mushy zone. Solidification crack-
ing occurs when the mushy zone experiences tensile stresses 
and a high fraction of solid (typically 0.7 < fs < 0.98) restricts 
the flow of liquid metal to backfill the interdendritic regions 
during the solidification process (Refs. 10, 11). The liquid film 
present at the grain boundaries cannot accommodate the 
thermal stress and consequently leads to cracking along the 
grain boundaries (Refs. 1, 10). Grain boundary liquation (in 
the case of liquation cracking) occurs primarily due to the 
localized dissolution of the precipitates and grain bound-
ary phases, such as carbides (Refs. 10, 12). Constitutional 
liquation was first coined by Pepe and Savage (Ref. 13). This 
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mechanism involves at least two different phases (typically 
a precipitate matrix) that reach to form a liquid phase via a 
eutectic reaction during rapid heating. During rapid heating, 
the precipitate does not have time to dissolve and, at the 
eutectic temperature, liquates via a eutectic reaction (Refs. 
12, 14). A liquid film forms that embrittles the grain boundaries 
and leads to cracking under the tensile thermal stresses that 
develop during the deposition process. Strain-age cracking, 
on the other hand, occurs during the postweld heat treatment 
stage (Ref. 1). These defects are characterized by intergran-
ular microcracking as a result of precipitation hardening of 
the alloy, which increases the strength of the grain but con-
sumes ductility. The strain-age cracking occurs when the 
precipitation hardening overlaps intrinsic and extrinsic strain 
(Ref. 15). The classical way to avoid this problem is either 
to solutionize the material or overage the material before 
welding (Refs. 16–18). This approach combined with using 
a more ductile filler material such as IN-625, and a careful 
design of postprocessing heat treatments, has shown to be 
an effective way to mitigate this cracking mechanism. In many 
cases, all these mechanisms operate simultaneously (Ref. 
12). Typically, all alloys containing greater than 30–50% 𝛾′ 
have decreased weldability due to their high susceptibility of 
solidification cracking during welding and strain-age cracking 
during postweld heat treatment due to the precipitation of 
𝛾′ (Refs. 1, 3).

In the past, some traditional repair techniques such as 
plasma spraying (Ref. 19), plasma transfer arc welding (Refs. 
20, 21), and gas tungsten arc welding (Ref. 22) were adopted 
to repair high 𝛾′ alloys. These techniques have limited success 
and often suffer from large mushy zone formation, which 
leads to cracking in the welded layers. Arc-based welding 
processes often lead to heat-affected zone (HAZ) liquation 
cracking and solidification cracking in the fusion zone (FZ) 
(Refs. 1, 2, 7). Hence, it is important to develop repair pro-
cesses that minimize the mushy zone and HAZ formation 
(Refs. 2, 23). Recently, laser metal deposition/laser clad-
ding techniques have been used to repair weld materials 
(Refs. 7, 24, 25). The laser beam melts a thin layer of the 
substrate (part to be repaired), and powder is injected into 
the weld pool, resulting in a metallurgically bonded deposit 
with minimum liquation (Refs. 26, 27). The key advantage is 
the significantly smaller HAZ and mushy zone, which leads 
to a decrease in the cracking susceptibility.

Despite these benefits, depositing high 𝛾′ alloys remains 
challenging due to various cracking mechanisms. To over-
come this, most of the repairs done today entail depositing 
a ductile filler material (such as IN-625) in the low-stress 
region of the part (Refs. 1, 2). Rarely have attempts been 
performed to repair these structures with a matching filler 

material. Acharya et al. (Ref. 3) used scanning laser epitaxy 
and performed a full factorial design of experiments (DOE) 
to optimize the number of preheat scans to ensure a fully 
sound deposit. The results showed that deposits fabricated 
with a volumetric energy density between 20–30 J/mm3 

and 80–120 preheat passes produced acceptable deposits 
without any cracks. The preheat passes served to reduce the 
thermal gradient and the extent of tensile residual stresses 
in the parts (Ref. 3).

A similar concept was used to repair IN-738 where  
induction-assisted laser cladding was used (Ref. 28). The 
authors observed that when the preheating exceeded 800°C 
(1472°F), a crack-free deposit could be obtained. A similar 
study was performed where the role of preheat on the ability 
to fabricate IN-738LC via laser forming was investigated. The 
authors documented that a progressive increase in the pre-
heat temperature resulted in a steady decrease in the crack 
length. Specifically, the crack length dropped from 60 to 10 
mm (2.362 to 0.394 in.) when the preheat was increased from 
room temperature to 800°C. To obtain a crack-free deposit, 
a preheat of 1050°C (1922°F) was necessary. This increase 
in preheat temperature resulted in a sharp decrease in the 
thermal gradient from 1.7 × 106 K/m (room temperature) to 
1.1 × 106 K/m (800°C) to 6.5 × 105 K/m (1050°C) (Ref. 29). 
This is different from the results reported by Chinag and Chen 
(Ref. 28) where crack-free deposits could be obtained at a 
preheat of 800°C, which is lower than the 1050°C reported 
by Xu et al. (Ref. 29). This could be an effect of the difference 
in part geometries between the two studies. Changes in part 
geometry could alter the thermomechanical response during 
fabrication, leading to cracking in Ni-based superalloys. Con-
sidering the importance of geometries, which determine the 
cracking susceptibility, this study was devoted to understand-
ing and mitigating FZ and HAZ cracking in IN-100 repair welds 
made on mock-up test plates simulating the actual repair 
conditions. This investigation demonstrated the feasibility 
of depositing a 35 × 15 × 5-mm (1.378 × 0.591 × 0.197-in.) 
IN-100 on a surrogate substrate with representative geom-
etries of the actual parts.

Experimental Procedure

Deposit Fabrication and Characterization

The composition of the substrate material and the powder 
material used are shown in Table 1. The IN-100 powder was 
gas atomized with a particle size distribution of 40–120 
𝜇m in diameter. The hall flow rate of the powder was 19 s. 
The substrate was a mock-up piece of MAR-M-247 that was 

Table 1 — Composition of the Substrate and Powder Used in This Study

Alloy W 
wt-%

Co 
wt-%

Cr 
wt-%

Al 
wt-%

Ta 
wt-%

Hf 
wt-%

Ti 
wt-%

Mo 
wt-%

C 
wt-%

Ni 
wt-%

Substrate 10.19 9.92 8.40 5.58 3.12 1.11 0.92 0.64 0.13 Bal.

IN-100 — 18.4 12.4 4.9 — — 4.3 3.2 0.07 Bal.
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used in the as-cast and solution-annealed condition (1093°C 
[1999°F] for 2 h in a vacuum furnace) to evaluate the role of 
initial microstructure on cracking susceptibility of the builds. 
MAR-M-247 was used due to the nonavailability of IN-100 
substrates and because it is similar in chemistry and phys-
ical metallurgy to IN-100. The chemical compositions are 
described in Table 1.

Directed energy deposition (DED), a laser powder-blown 
additive manufacturing (AM) technique, was used for  
deposition/repair trials. This process utilizes a laser focused 
on a substrate material, creating a weld pool into which 
powder is sprayed coaxially or via an off-axis technique to 
deposit material. The laser head then rasters in the X-Y plane 
at a programmed velocity and the entire assembly moves up 
in the Z direction once the layer is complete. The DM3D 103D 
system located at the Oak Ridge National Laboratory Manu-
facturing Demonstration Facility, Knoxville, Tenn., is equipped 

with a 1-kW diode laser with a wavelength of 910 nm. The 
laser spot size is 1.5 mm (0.059 in.). The stand-off distance 
between the substrate and the laser head is approximately 12 
mm (0.472 in.). The builds were fabricated with Ar shielding 
(99.9% pure) with a flow rate of 6 in./min. To identify the 
range of processing parameters (laser power, travel speed, 
and hatch spacing), a detailed DOE approach was used to 
understand the optimum range of process parameters to 
eliminate/mitigate cracks. The process parameters used 
for the DOE are presented in Table 2. The energy density  
(J/mm3) was calculated using the following relation:

𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸	𝐷𝐷𝐸𝐸𝐸𝐸𝐷𝐷𝐷𝐷𝐷𝐷𝐸𝐸 = 	
𝑃𝑃𝑃𝑃𝑃𝑃𝐸𝐸𝐸𝐸	

(𝑉𝑉𝐸𝐸𝑉𝑉𝑃𝑃𝑉𝑉𝐷𝐷𝐷𝐷𝐸𝐸 × ℎ𝑎𝑎𝐷𝐷𝑉𝑉ℎ × 𝑉𝑉𝑎𝑎𝐸𝐸𝐸𝐸𝐸𝐸	𝐷𝐷ℎ𝐷𝐷𝑉𝑉𝑖𝑖𝐸𝐸𝐸𝐸𝐷𝐷𝐷𝐷) 

The same parameters were used to make deposits on 
both the as-cast and the solution-annealed substrates. All 
the builds were sectioned using conductive Bakelite and 
polished using standard metallographic techniques. Fol-
lowing polishing, the samples were etched using Kallings 
reagent to reveal the structure. Optical microscopy on the 
samples was performed using a Zeiss optical microscope. 
Scanning electron microscopy (SEM) was performed using 
a JEOL 6500F equipped with energy dispersive spectros-
copy (EDS) and electron backscattered diffraction (EBSD) 
detectors. Imaging was performed using a voltage of 20 kV 
and a probe current of 4 nA using both a secondary electron 
detector and a backscatter electron detector.

Simulation Methodology

AM involves widely varying thermal signatures that lead 
to complex interactions between process parameters, part 
geometry, and spatial and temporal variations of cracking 
susceptibility. It is important to know the correlation between 
process parameters, including preheating, temperature 
distribution, and stress evolution, during the printing pro-
cess over all positions on the layer. The simulations were  

(1)

Fig. 1 — A — Optical micrograph of the as-cast 
substrate; B — SEM backscatter image of the 
substrate showing the presence of eutectic 𝛾′ and 
a continuous string of carbides along the grain 
boundaries; C — EDS spectrum showing the brighter 
particles at grain boundaries were probably Hf-rich 
MC-carbides.

A B

C
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performed to understand the effects of welding parameters 
on the cracking tendency of the material and to optimize 
the preheat temperature. A finite element method code, 
ABAQUS (Ref. 30), was used for thermal and stress anal-
ysis. The temperature increase of powder particles during 
flight was assumed to be a constant of 1100°C (2012°F). The 
effect of fluid flow on temperature and melt pool shape was 
neglected. The dimensions of the deposit were 20 × 15 × 0.5 
mm (0.787 × 0.591 × 0.020 in.) and the substrate was 25 
× 20 × 2 mm (0.984 × 0.787 × 0.079 in.). The model had 
8-node hexahedron elements for heat transfer (DC3D8) 
and stress (C3D8) analysis. The mesh size of 0.1 (0.004 
in.) and 1 mm (0.039 in.) was used for the deposit and sub-
strate, respectively. The moving laser beam was modeled as 
a Gaussian double-ellipsoidal heat source model (Ref. 30). 
The mathematical equation of the heat source is expressed 
by Equation 2.

�̇�𝑄(𝑥𝑥, 𝑦𝑦, 𝑧𝑧, 𝑡𝑡) = 	
2𝜂𝜂𝜂𝜂

𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎√𝑎𝑎
exp	(−

(𝑥𝑥 + 𝑣𝑣!𝑡𝑡)"

𝑎𝑎 +
𝑦𝑦"

𝑎𝑎 +
𝑧𝑧"

𝑎𝑎 )         
 
where Q is heat flux; η is the absorptance; P is the arc power; 
vx is the velocity of moving the heat source; and a, b, and c 
are the dimensions of the heat source along the x, y, and z 
axes, respectively. Furthermore, the heat loss by convection 
and radiation through the surrounding environment is con-
sidered as a combined heat transfer coefficient. The equation 
(Ref. 30) is given below:

ℎ!"## = 𝜀𝜀 ∙ 24.1 × 10$% ∙ 𝑇𝑇&.(& 
 

where hloss is the combined heat transfer coefficient, ε is 
emissivity, and T is the temperature.

Results and Discussions

Deposits on the As-Cast Substrate

The substrate was characterized using optical microscopy 
and SEM. Results are shown in Fig. 1. Figures 1A–C show the 
optical and SEM micrographs of the substrate samples in the 
as-received conditions. The microstructure of the as-cast 
substrate showed three major constituents: the 𝛾 matrix, 
primary 𝛾′, and eutectic 𝛾′ along with grain boundary carbides. 
The eutectic 𝛾′ was differentiated from the precipitates by the 
large irregular-shaped particles, as shown in Fig. 1C. Eutectic 
𝛾′ typically forms due to the aggressive partitioning of Al and 
Ti to the liquid during solidification (Refs. 8, 31). In addition 
to the presence of 𝛾′, the grain boundaries were decorated 
by Hf/Ta-rich carbides as shown in Fig. 1B. Minor additions of 
Hf, B, and C tend to result in the formation of carbides often 
located along the grain boundaries directly from the liquid 
state at the terminal end of solidification (Refs. 31–33). EDS 
analysis showed the carbides were predominantly Hf-rich 
MC carbides.

The macrographs of the samples fabricated in the  
as-deposited condition are presented in Figs. 2A–F. The arrow 
shows the direction of laser beam travel. The arrowhead points 
to the end while the other side indicates the beginning of the 
deposit. In all the samples, the cracking was more pronounced 
during the start of the deposit and the intensity of cracking 
reduced toward the end of the deposit. In addition, for all the 
samples, nearly 70% of the cracks initiated in the substrate 
and propagated into the deposit. Among all the deposits 
fabricated, Fig. 2F showed the best results (least cracking) 
were obtained for deposits fabricated using a tighter hatch 
spacing. In the case of samples 2D and F, there was a tran-
sition of 14 mm (0.551 in.) from the deposit start where the 
cracking did not occur. These samples were fabricated with 
an energy density greater than 120 J/mm3 and were more 
resistant to cracking. Figures 3A–D show the interface of the 
deposits fabricated on the as-cast substrate. Figures 3A and 
B show cracking occurred at the start of the deposit. Cracks 
were also observed in the deposit. The etched micrographs 

(2)

(3)

Table 2 — Process Parameters Used to Evaluate Cracking Susceptibility in the Builds

Laser Power (W)
Travel Speed

(mm/min)
Hatch Spacing

(mm)
Powder Feed Rate 

(gram/min)
Energy Density 

(J/mm3)

Trial 1 400 800 0.6 4 100

Trial 2 400 1000 0.6 4 80

Trial 3 400 800 0.5 4 120

Trial 4 600 800 0.6 4 150

Trial 5 600 1000 0.6 4 120

Trial 6 600 1000 0.5 4 144
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also show that the cracks in the HAZ were predominantly 
intergranular in nature along the continuous string of grain 
boundary carbides. In certain cases, these cracks extended 
into the deposit, while in other cases the cracks nucleated 
in the deposit. The cracks in the deposit seemed to show a 
significant amount of eutectic, indicating that the cracks 
were predominantly hot cracks. Cracking occurs when the 
accumulated tensile stresses exceed a set threshold and 
there is a nonavailability of enough liquid to heal cracks. The 
tensile stresses were significantly higher at the start of the 
deposit (on a cold substrate). Toward the end of the deposit, 
the preheating effect from the previous passes served to 
reduce the tensile stresses during solidification, thus reducing 
the cracking tendency. A more detailed explanation will be 
presented in the discussions section of this paper. The same 
explanation could also explain the reduced cracking when 
welding with a tighter hatch spacing. The overall temperature 
of the base plate increased and acted as a preheat with the 
effect of lowering the overall tensile stresses.

To ascertain the operating cracking mechanisms, a more 
detailed investigation using SEM was performed. The results 
from the SEM are presented in Fig. 3C. The SEM showed clear 
evidence of cracking along the carbides in the HAZ. The car-
bides were identified to be rich in Hf and Ti, as shown in the 
EDS spot analysis. The EDS spectrum of the liquated carbides 
near the cracks did not show any significant deviation from 
the carbides observed in the as-cast virgin material. Note 
that in several locations the cracks initiated in the HAZ and 
propagated into the deposit.

While there are significant carbides that form due to the 
Liquid → MC (Hf/Ta) + 𝛾 eutectic reaction, during the solid-
ification the cracking does not occur due to the liquation 
of these carbides. However, the presence of solute-rich 
eutectic films along the crack boundaries could be indica-
tive of solidification cracking as detailed in literature (Ref. 
8). An analysis of the cracks in the deposited material and 

the HAZ indicates that most of the cracks were intergranular 
as well, as shown by the EBSD micrographs in Figs. 4A and 
B. This mechanism is characteristic of liquation (Refs. 4, 6, 
7), and solidification cracking and has been documented 
in the existing literature (Ref. 7). In addition, high- 
magnification EBSD scans in regions adjacent to the HAZ 
cracks showed tell-tale signs of accumulated plastic deforma-
tion followed by recrystallization (Refs. 34–36) in the regions 
adjacent to the cracks, as shown in Fig. 4B. The presence of 
recrystallized grains indicates that the cracking occurred 
at recrystallization temperatures, which is typically above 
the liquating temperature of the grain boundary carbides.

Deposits on Solution-Annealed Coupons

Characterization of the deposits fabricated on an as-cast 
substrate showed a strong correlation to the cracking sus-
ceptibility in the HAZ and the presence of grain boundary 
carbides. It has been documented previously that these car-
bides in the interface liquate, leading to cracks spreading 
from the HAZ into the deposit (Ref. 7). Examination of the 
deposits shown in Fig. 2 also showed that more than 70% 
of the cracks originated from the substrate. Constitutional 
liquation can occur due to the presence of a continuous string 
of grain boundary carbides (Ref. 7) and the eutectic γ′ (Refs. 
6, 37, 38). Since the majority of the cracks existed in the HAZ 
in all the builds fabricated, it was hypothesized that breaking 
the continuous network of grain boundary carbides and the 
eutectic γ′ would reduce the cracking susceptibility.

Previous reports showed that the solution annealing at 
1250°C (2282°F) resulted in a carbide-free microstructure 
and eliminated eutectic γ′ (Ref. 13). However, 1250°C also 
increases the risk of liquation, considering the temperature is 
very close to the equilibrium solidus temperature of the alloy, 
approximately 1281°C (2338°F) (Ref. 14). To ensure that the 
liquation did not occur, solution annealing was performed at 

Fig. 2 — Optical macrographs of the simulated repairs done using various process parameters: A — Laser power 
400 W, travel speed 800 mm (31.496 in.)⁄min, hatch spacing of 0.6 mm (0.024 in.); B — laser power 400 W, 
travel speed 1000 mm (39.370 in.) ⁄min, hatch spacing of 0.6 mm; C — laser power 400 W, travel speed 800 
mm⁄min, hatch spacing of 0.5 mm (0.020 in.); D — laser power 600 W, travel speed 800 mm⁄min, hatch spacing 
of 0.6 mm; E — laser power 600 W, travel speed 1000 mm⁄min, hatch spacing of 0.6 mm; F — laser power 600 W, 
travel speed 1000 mm⁄min, hatch spacing of 0.5 mm.

A

DC

E

B

F
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1100°C for 2 h. Previous work showed that solution annealing 
at this temperature was an effective strategy and reduced 
the fraction of eutectic from almost 20% to less than 10%. 
In addition, the treatment was also effective in breaking 
down the continuous network of grain boundary carbides 
(Ref. 39). Therefore, to eliminate the carbides, a standard 
solution annealing treatment (1100 ± 10°C [50°F]/2h in Ar) 
was given to the substrates.

The solution-annealed substrates are also shown in Figs. 
5A–C. Solution annealing led to the breakdown of the con-
tinuous network of carbides along the grain boundary. While 
the grain boundary carbides dissolved, EDS showed that the 
actual composition of the Hf-rich carbides did not change 
significantly after the heat treatment. In addition, the proce-
dure coarsened the secondary γ′ precipitates and reduced 
the fraction of eutectic γ′ as reported elsewhere (Refs. 39, 
40). Previous reports have shown that solution annealing the 
substrates before repairing resulted in improved resistance to 

cracking (Ref. 1). Figures 5A and B clearly show that solution 
annealing plates eliminated the continuous grain boundary 
carbides and coarsened the fine secondary γ′ precipitates 
in the as-received material.

Based on the previous trials, it was concluded that the 
best results in terms of reduction of cracking density were 
obtained using parameter set number 6, shown in Table 2. 
The optical micrographs of the fabricated samples are shown 
in Fig. 6. Figure 6 shows that while solution annealing did not 
eliminate cracking, the cracking tendency was reduced by 
approximately 30%. This can be attributed to the elimination 
of the continuous network of grain boundary carbides as 
a result of the solutionizing annealing treatment. Detailed 
SEM investigations were performed to identify the crack-
ing mechanisms. The micrographs are shown in Figs. 7A–C. 
The SEM micrographs show that similar cracking mecha-
nisms operated despite the solution annealing treatments 
being performed. The HAZ cracking persisted and occurred  

Fig. 3 — Micrographs of the cracked locations of the deposits: A — Optical micrograph showing that the cracks 
occurred in both the HAZ and deposit material; B — SEM micrograph showing the presence of eutectic films 
along the cracks in the deposit; C — SEM micrograph showing the presence of cracking in the interface near 
the MC carbides (shown in the inset EDS spectrum).

A B

C
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adjacent to the carbide phases, which liquated as shown in 
Fig. 7B. In this case, the cracks in the IN-100 deposits were 
predominantly attributed to solidification cracking, as shown 
in Fig. 7A. While solution annealing reduced the cracking 
susceptibility in the builds, it was not possible for solution 
annealing to eliminate cracking in the deposits.

Rationalization of Cracking 
Mechanisms

To mitigate cracking in the deposits, it is important to 
understand the mechanisms of cracking in the builds. Based 
on the observations, two dominant cracking mechanisms 

were observed, viz., solidification cracking and constitutional 
liquation cracking.

Liquation cracking predominantly occurred in the sub-
strate adjacent to carbides, and solidification cracking 
occurred in the deposited material. Both cracking mecha-
nisms involve the formation of liquid films along the grain 
boundaries, which leads to cracking. The cracks could be 
classified into solidification and liquation cracks, respec-
tively, based on morphology. Therefore, to unravel the 
cracking mechanisms, the number of cracks in each sample 
was imaged and counted, and the results are presented in 
Table 3. The same results are illustrated graphically in Figs. 
8A and B, where the relationships between the number of 
cracks (both solidification cracks and liquation cracks) and 

Table 3 — Number of Cracks Detected in the Builds

Power  
(W)

Travel Speed 
(mm/min)

Hatch Spacing 
(mm)

Solidification 
Cracks

Liquation  
Cracks

Total  
Cracks

400 800 0.6 32 24 56

400 1000 0.6 31 14 45

400 800 0.5 36 30 66

600 800 0.6 30 25 55

600 1000 0.6 15 25 40

600 1000 0.5 15 18 33

Fig. 4 — EBSD inverse pole figure maps: A — Deposit showing the presence of intergranular solidification cracks 
along the grain boundaries; B — cracks in the HAZ. Note the presence of fine equiaxed grains (indicating 
dynamic recrystallization) adjacent to the cracks, which indicate extensive plastic deformation at elevated 
temperatures.

A B
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the various process parameters (laser power, travel speed, 
and hatch spacing) are presented. The plot displaying the 
velocity and travel speed shows a significant reduction in 
both solidification and liquation cracks for an increase in the 
travel speed. For the same laser power, the samples fabricated 
with a higher travel speed greatly reduced the susceptibility 
to solidification cracking. However, no such trends could be 
observed in the case of liquation cracking in the HAZ. These 
results were in sharp contrast to those obtained by Ref. 41, 
where the authors observed a reduction in liquation cracks 
by decreasing the laser power. 

Therefore, to rationalize these differences with published 
literature, a more detailed understanding of the cracking 
mechanisms is warranted.

Solidification Cracking

Solidification cracking is typically restricted to the semi-
solid mushy zone. The mushy zone typically consists of three 
distinct regions: 1) easy liquid feeding up to a solid volume 
fraction, 2) restricted liquid feeding (0.7 < fs < 0.98), and 3) 
no liquid feeding. The two-phase zone during solidification 
experiences tensile stresses due to the shrinkage stresses, 
which if exceeded beyond a threshold are sufficient to cause 
cracking along the dendrite arms (Ref. 42). When the volume 

fraction of the solid is very high and the opening cannot be 
healed by the backflow of liquid (region 2 and 3), the tears 
occur and propagate with further stresses. This cracking 
mechanism is promoted by a wide solidification range and 
welding at low travel speed (Ref. 22). Welding at low speeds 
promotes the generation of tensile stresses transverse to the 
trailing edge along the edge of the weld due to the contrac-
tion of the adjacent material. With progressive increases in 
travel speed, the material on either side of the weld trailing 
edge is being heated and therefore continuing to expand, 
thus generating compressive stresses (in the transverse 
direction), which suppress cracking. In this case, the samples 
that showed the highest resistance to solidification cracking 
were the samples fabricated with a travel speed of 1000 mm 
(39.370 in.)/min, the highest speed. In addition, the samples 
fabricated with a high travel speed showed that more than 
85% of the cracks initiated in the substrate and propagated 
into the deposit, leading to cracking.

Liquation Cracking

Liquation cracking, or grain boundary fissuring, occurs 
predominantly in the HAZ. The metallurgical basis for HAZ 
grain boundary fissuring in Ni-based superalloys has been 
attributed to the persistence of liquid film in the grain bound-
ary during the welding cycle (Ref. 43). It has been documented 
that the presence of grain boundary phases such as carbides, 
borides, and γʹ could locally dissolve during the welding 
thermal cycle. This local dissolution has been observed in 
alloys such as IN-738, MAR-M-247, and Waspalloy (Refs. 10, 
44). Rapid heating above the solidus temperature allows 
only for partial dissolution of the carbides (due to sluggish 
kinetic effects), leading to the formation of low-melting  
eutectic constituents. Typically, MC carbides liquate between 
1225°–1245°C (2237°–2273°F) (Ref. 43). These liquated 

A

Fig. 5 — Micrographs of the solution-annealed 
plates: A — Optical microscopy; B — SEM micrograph 
displaying the breakdown of the grain boundary 
carbides and the associated EDS spectrum of the 
carbides, which shows that the carbides after 
solution annealing are Hf-rich carbides.

B
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films wet the grain boundaries, which are therefore unable to 
accommodate the thermal shrinkage stresses during cooling, 
leading to microfissuring.

Typically, high γʹ Ni alloys lose their ductility on heating 
at a temperature called the nil ductility temperature (NDT). 
This temperature has been estimated to be close to 1160°C 
(2120°F) (Ref. 43). The range of temperature between the 
NDT and liquidus temperature is called the zero ductility tem-
perature range (ZDTR). For the concerned alloy, this range is 
approximately 172°C (341.6°F) (Ref. 43), which is higher com-
pared to austenitic stainless steel 310 (ZDTR approximately 
61°C [141.8°F] [Ref. 45]) and solid solution-strengthened 
Ni alloys such as IN-625 (ZDTR 102°C [215.6°F][Ref. 45]). 
During cooling, the ductility is restored at a temperature 
indicated by the ductility recovery temperature (DRT), which 
is 970°C (1778°F). The difference between the on-heating 
peak temperature and the DRT is usually referred to as the 
brittle temperature region (BTR). The BTR is an indication 
of the period (per cooling rate) during which the ductility of 
the particular HAZ region experiencing the peak temperature 
within the ZDTR remains negligible upon cooling. In short, 

when the peak temperature exceeds the NDT, the on-cooling 
ductility is lower than the on-heating ones due to the grain 
boundary liquation delaying the ductility recovery. Therefore, 
the BTR is the most important indicator for crack suscep-
tibility since the tensile strains that cause cracking do not 
set in until the weld starts to cool. The larger the BTR, the 
higher the propensity for cracking. The BTR for precipitation- 
strengthened alloys is typically 275°C (527°F) for a peak 
temperature of approximately 1245°C.

Solidification and liquation cracking in Ni-based  
superalloys, which is the dominant cracking mechanism in this 
case, has been attributed to the presence of a liquid film and 
shrinkage stresses arising from thermal strains (Refs. 10, 11).

Also, considering that most of the cracks nucleated in 
the HAZ and then proceeded to the deposit, the elimination 
of cracking in the HAZ was critical. Since characterization 
showed that the cracking in the HAZ was predominantly 
liquation cracking, it was necessary to eliminate liquation 
cracking.

Fig. 6 — Optical micrographs of deposits fabricated on solution-annealed plates show that cracking persisted 
in locations adjacent to the carbides that liquated. Optical micrographs at: A — 50×; B — 100×; C — 500× 
showing the presence of liquating carbides in the base material; D — cracking along grain boundaries in the 
deposit.

A B

C D

DECEMBER 2023 | 321-s



Process Parameter Optimization by 
Computational Modeling

Previous work has shown the beneficial effects of pre-
heating the substrate to reduce cracking susceptibility (Refs. 
28, 46, 47). Work done in the past has also indicated that 
the preheat temperature should be between 500°–950°C 
(932°–1742°F) (Refs. 28, 46, 47). Therefore, thermomechan-
ical simulations were performed to optimize the preheat 
temperature to eliminate cracking. Two simulations were 
performed where deposits at RT and 750°C (1382°F) were 
simulated. The goal was to identify the minimum possible 
preheat temperature where tensile stresses are absent. The 
results of the thermomechanical simulations are presented 
in Figs. 9A–D. The results showed very similar features, viz., 
predominantly compressive stresses after the deposition 
was complete. However, the stresses after cooling trans-
formed to tensile stresses. Also, note that the peak tensile 
stresses for the samples deposited at RT were significantly 
higher compared to those deposited at 750°C. As described 
in the previous section, the major factors that need to be 
considered are the NDT (temperature above which crack-
free deformation is not possible) and the BTR, where the 
sample is susceptible to extensive cracking under tensile 
stresses. To rationalize the mechanisms of cracking in these 
deposits, the temporal changes to the stresses and tempera-
ture were extracted from identical locations for the samples 
fabricated at RT and 750°C. The location from which the 
data was extracted is shown in Fig. 10E and marked with a 
red dot. The dotted black line shows the location where the 
samples were sectioned for optical microscopy. As discussed 
previously, the samples showed extensive cracking only for 
the first approximately 20 mm, and the last 10 mm were crack 
free. Therefore, it is important to understand the thermome-
chanical evolution in these regions of the samples. The results 
are shown in Figs. 10A–D. The data shows the presence of 
a zone with a very high compressive stress field around the 
FZ ahead of the weld zone. The peak compressive stress in 
the samples fabricated at RT was approximately 300 MPa, 
and those fabricated with a preheat of 750°C also had a sim-
ilar peak compressive stress. However, during cooling, after 

approximately 600 s, the samples fabricated at RT had a peak 
tensile stress of approximately 150 MPa, while the sample 
fabricated with a preheat of 750°C did not show the presence 
of tensile residual stress even after 600 s cooling. On a closer 
look, the BTR range was marked on the samples, and the 
results are presented in Figs. 10B and D. The data shows that 
all along the BTR crossing, the stresses in the samples fab-
ricated at RT are tensile (approximately 50–80 MPa). While 
this may not be a significant tensile stress, the temperature 
at which this occurs was close to 1200°C (2192°F). It has 
been reported that γʹ typically liquates at 1150°C (2102°F), 
and the MC carbides liquate between 1225–1245°C. In the 
presence of liquid films, the critical stress required to initiate 
cracking is given by (Ref. 9) the following:

𝜎𝜎 =
2𝛾𝛾!"
ℎ  

       
 

(4)

A B

Fig. 7 — SEM micrographs showing the presence of: 
A — Eutectic films in the deposit region confirming 
the presence of solidification cracking; B — cracks 
propagating along the liquating carbides and the 
EDS spectrum confirming the same.
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where γSL is the surface tension on a grain boundary con-
taining a liquid film of thickness h. The value of γSL is 
approximately 0.307 J/m2 (Ref. 42). Assuming a value of 
10–15-nm-thick liquid film shows that the critical stress was 
approximately 6–8 MPa. Therefore, at the temperatures and 
stresses predicted by the simulations for the samples fab-

ricated at RT, it is quite possible for cracking to occur in the 
deposits. However, the simulation showed that the stresses 
in the sample fabricated with a preheat of 750°C were pre-
dominantly compressive, and, therefore, one cannot expect 
grain boundary cracking. 

Fig. 8 — Pair plots showing the relationship between the laser power, travel speed, hatch spacing, and number 
of cracks in the deposit and HAZ.

A B

Fig. 9 — Results from the thermomechanical simulations of the simulated repair: A — Stress evolution on the 
simulated repair at room temperature immediately after the completion of the deposit; B — stress evolution 
on the simulated repair at room temperature after cooling to room temperature; C — stress evolution on the 
simulated repair at a preheat of 750°C immediately after the completion of the deposit; D — stress evolution on 
the simulated repair at 750°C after cooling to room temperature.

A B

C D
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Deposits Fabricated with a Preheat 
Temperature

The micrographs of the preheated deposits are shown 
in Fig. 11. Figures 11A and B show the deposit substrate 
interface without any cracks. Figures 12A and B show the 
SEM micrographs of the same interface at higher magni-
fication, showing that despite the presence of significant 
grain boundary carbide phases similar to the as-received 
material, cracking did not occur. This would have been due 
to compressive thermal stress, which could have suppressed 

the cracking of these liquating phases. Figure 12A shows 
the micrograph of the deposit. No 𝛾′ was observed in the 
deposit, however, the inset shows the deposit at higher mag-
nification and the presence of carbides in the interdendritic 
region can be seen. However, no postrepair heat treatments 
were performed. Such heat treatments are also expected to 
demonstrate the repaired deposit’s resistance to strain-age 
cracking during rejuvenation/postweld heat treatment of the 
repaired parts. Considering that this study has been able to 
demonstrate that multibead deposits with sizes and geome-
tries are relevant to the airline repair industry, future studies 
should focus on the postprocessing of these deposits where 

Fig. 10 — The temperature and stress evolution with respect to time: A–B — Stress evolution on the simulated 
repair without any preheat; C–D — stress evolution on the simulated repair at a preheat of 750°C. Both the 
locations are from the HAZ and correspond to the region identified with a red spot.

A B

C D

Fig. 11 — Optical micrographs of the simulated repair performed with a preheat of 750°C showing the absence 
of cracking: A — 100×; B — 200× showing the interface.

A B
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different rejuvenation treatments and the susceptibility to 
strain-age cracking can be explored.

Conclusions
Deposits were fabricated using a laser-directed energy 

deposition process on high γ′ Ni-based superalloy substrates 
in both as-cast and solution-annealed conditions. Severe 
cracking was observed in both cases. Detailed characteri-
zation showed two distinct mechanisms of crack formation. 
Cracks occurred primarily in the HAZ due to the partial liqua-
tion of the grain boundary carbides. Cracks in the deposits 
were predominantly solidification cracking. A parametric 
study of the process parameters indicated that cracking was 
minimized for the samples with high laser power, tighter hatch 
spacing, and high travel speed. Cracks occurred as a result of 
a synergistic effect of tensile stresses and liquating phases, 
and to effectively eliminate cracks, thermomechanical mod-
eling was performed to optimize the preheat temperature. 
The cracking mechanisms were compared with cracking 
mechanisms described in other high γ′ alloys (IN-738 and 
MAR-M-247), and the operating mechanisms were con-
sistent with observed cracking in literature. The modeling 
results showed that when the deposits were made with a 
preheat of 750°C, the stress was predominantly compres-
sive, while those made without preheat temperature were 
tensile. Therefore, based on the modeling work, deposits 
were then fabricated on the as-cast substrate with a preheat 
temperature of 750°C. Characterization showed that the 
deposits were crack free, showing that the observed proce-
dure can be effectively used for repairing high γ′ Ni alloy parts 
used in the hot section. Typically, all high γ′ alloys (γ′ fraction  
> 50%) have a distribution of carbides that could liquate 
during localized heating. The addition of solutes to promote 
γ′ precipitation also widens the solidification range of these 
alloys. Therefore, all high γ′ alloys are susceptible to the 

described cracking mechanisms, and the solution proposed 
could be applied to a much larger spectrum of alloys.
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